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a b s t r a c t
Bulk polycrystalline nickel compact was processed by spark plasma sintering from heterogeneous powder
consisting of a mixture of nanometer and micrometer sized particles. The consolidated samples inherited the bimodal structure of the starting powder and was composed of ~55 vol.% coarse-grained (with the grain size larger
than 1 μm) and ~45 vol.% ultraﬁne-grained (with an average grain size of ~550 nm) components. The deformation mechanisms were established by EBSD, X-ray line proﬁle analysis and in-situ TEM observations. In the
ultraﬁne-grained volume, the deformation occurred mainly through the activation of dislocation sources emitting full or partial dislocation either from grain interior or grain boundaries. Besides dislocation activity, rolling
and sliding of nanograins were also observed during deformation by in-situ transmission electron microscopy,
which have a considerable contribution to the observed high strain rate sensitivity of the bimodal microstructure.
The cracks formed during deformation easily propagated in the nanograin regions due to the weaker particle
bonding caused by the relatively high fraction of native oxide layer on the surface of the initial nanoparticles.
© 2014 Elsevier Inc. All rights reserved.

1. Introduction
Microstructures with enhanced mechanical properties are generally
obtained by means of grain size reduction, development of multi-modal
grain size distribution, and tailoring grain boundary (GB) structure. Indeed, it is well known that nanocrystalline (NC) and ultraﬁne-grained
(UFG) materials have superior mechanical strengths compared to their
conventional coarse-grained (CG) counterparts [1–4]. Among the several ways of processing of bulk materials with NC or UFG microstructure,
the compaction of powders [1–5] has a fundamental place due to its
versatility in tailoring in-demand composite-like microstructures. This
type of process enables to obtain centimeter-scale and fully dense materials with different grain sizes spanning the nanometer (30–100 nm)
range to the UFG (100–1000 nm) regime and above [3,4].
Recently, much attention has been paid to the novel spark plasma
sintering (SPS) consolidation technique [6,7]. The most important
advantages of the SPS processing route compared to conventional consolidation methods are the much shorter duration and the lower temperature of processing, which limit grain-growth during consolidation
[8].
NC materials have so far demonstrated enhanced mechanical characteristics, such as high strength and fracture stress. Nevertheless,
other key properties such as ductility, which is very important in
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forming processes, still needs to be improved. In that context, different
strategies have been proposed to offset the low tensile ductility accompanying the high ﬂow stress of NC and UFG materials [9,10]. For instance, it has been demonstrated that controlled volume fraction of
twins in Cu induces both high strength and considerable tensile ductility, the latter being due to the strain rate sensitivity improvement by the
presence of coherent twin boundaries (TBs) [11–14]. Another strategy
for the improvement of ductility of NC and UFG materials is the incorporation of coarse grains in a ﬁne-grained matrix [9,15–17]. In this case,
the improvement of ductility can be attributed to the larger dislocation
activity (mobility and storage) in coarse grains, thereby enhancing the
strain hardening capability of materials [18]. The bimodal grainstructure can be achieved by heterogeneous grain-growth in severely
deformed materials [19–21] or via abnormal grain-growth caused by
microstructure heterogeneities such as inhomogeneous solute distribution and/or residual porosity [22]. Although in some cases the magnitude of the improvement of ductility does not meet the high
expectations raised [23], the processing of bimodal microstructures is
still often suggested in order to improve the mechanical response of metallic materials [9,18,24,25]. Our previous studies have demonstrated
the successful processing of bimodal microstructures in Ni by SPS [17]
and studied their mechanical performance under impact loading [25].
However, the deformation mechanisms in the CG and UFG volumes
during quasistatic deformation have not been identiﬁed yet.
In the present work we investigate the room temperature (RT)
quasistatic plastic behavior of an SPS-processed polycrystalline Ni
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with bimodal grain-structure at different strain rates. The underlying
deformation mechanisms are revealed by post-mortem EBSD and Xray diffraction (XRD) experiments, as well as by in-situ TEM investigations. The results may yield a better understanding of the contributions
of the different components in a heterogeneous grain structure to the
mechanical performance.
2. Materials and procedures
2.1. SPS processing
Bulk Ni samples were consolidated by SPS. The starting high purity
(N99.8 wt.%) Ni powder was fabricated by electro-explosion of wire
(Argonide Corporation, Stanford, USA) [26]. The sintering of the powder
during SPS is assisted by the simultaneous application of direct current
pulses of very high intensity (several thousands of amperes) and a uniaxial pressure exerted on the encapsulating system [27]. In the present
case, the Ni powder was sintered by the SPS apparatus (model 515SSYNTEX) located at the regional SPS platform facility hosted by ICMPE
(Thiais, France). More details have been given elsewhere [28]. For
the present study, SPS processing was carried out at a temperature of
600 °C for 15 min. The dwell pressure during sintering was set as
100 MPa. The relative density of the bulk sample was evaluated by the
method based on the Archimedes principle and yielded a value of
about 98%.
2.2. Mechanical properties
Following sintering, the macroscopic mechanical behavior was studied by means of uniaxial compression at room temperature and two
different strain rates of 2 × 10−4 s−1 and 2 × 10−2 s−1 in order to investigate the effect of strain rate on deformation behavior. For compression
tests, prismatic samples (3 mm × 3 mm × 5 mm) were mechanically cut
from the compacted material and tested using an Instron universal machine (model 1195) with a 10 kN maximum capacity load cell. The
strain was computed from the crosshead displacement corrected for
the stiffness of the machine.
2.3. Microstructure study of the as-consolidated specimen and postmortem analyses of the deformed sample
The microstructure of the as-consolidated and the subsequently deformed Ni samples was studied by X-ray line proﬁle analysis. The X-ray
line proﬁles were measured by a high-resolution rotating anode diffractometer (type: RA-MultiMax9, manufacturer: Rigaku) using CuKα1
(λ = 0.15406 nm) radiation. Two-dimensional imaging plates detected
the Debye–Scherrer diffraction rings. The line proﬁles were determined
as the intensity distribution perpendicular to the rings obtained by integrating the two dimensional intensity distribution along the rings. The
line proﬁles were evaluated by the extended Convolutional Multiple
Whole Proﬁle (eCMWP) ﬁtting procedure [29,30]. In this method, the
diffraction pattern is ﬁtted by the sum of a background spline and the
convolution of the instrumental pattern and the theoretical line proﬁles
related to the crystallite size, dislocations and twin faults. The details of
the eCMWP ﬁtting procedure can be found in Refs. [29,30]. Because of
the ultraﬁne-grained microstructure of the studied samples, the physical broadening of the proﬁles was much higher than the instrumental
broadening. Therefore, instrumental correction was not applied in the
evaluation. The eCMWP method gives the area-weighted mean crystallite size (bxNarea), the dislocation density (ρ) and the twin boundary
probability (β) with good statistics, where the twin boundary probability is deﬁned as the fraction of twin boundaries among the {111} lattice
planes. The area-weighted mean crystallite size was calculated from the
median (m) and the lognormal variance (σ 2) of the assumed lognormal crystallite size distribution as: bxNarea = m · exp(2.5σ2).
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Additionally, a parameter denoted by q describing the edge/screw character of dislocations is also obtained from the eCMWP ﬁtting.
EBSD investigations were carried out using a Zeiss Supra 40VP FEG
scanning electron microscope (SEM). Depending on the size of the observed entities, the areas of scanned regions during EBSD experiments
were adequately adapted using a step size between neighboring measurement positions from 50 to 250 nm. The average grain size, the
fractions of low angle grain boundaries (LAGBs), high angle grain
boundaries (HAGBs) and special Σ3 boundaries were extracted from
the EBSD scans using OIM software version 5 from TexSem Laboratories
(TSL).
2.4. In-situ transmission electron microscopy experiments
In-situ TEM was used to investigate the deformation mechanisms
within the UFG component of the microstructure during tension.
Specimens were prepared from the bulk material, ﬁrst by cutting
3 mm × 1 mm × 0.5 mm rectangles that were eventually mechanically
ground. The rectangles were then either thinned till perforation by
electropolishing or by a combination of ion milling using Precision Ion
Polishing System (PIPS™, Gatan, Inc., Model 691) and a “ﬂash polishing”
using an A2 electropolishing solution from Struers at a voltage of 7 V for
5 s at RT [31]. The latter sample preparation route was applied in order
to remove the damaged surface layer caused by ion milling as a consequence of the faster etching rate of the UFG volumes compared to the
CG ones during electropolishing. The samples were subsequently
glued to a copper grid and placed into a Gatan straining holder. The
in-situ TEM experiments were carried out in a JEOL 2010HC microscope
operated at 200 kV. A MEGAVIEW III camera operating at a rate of 25 fps
recorded the TEM images during deformation. The investigated areas
were located on two sides of the hole in the perforated sample where
the local stress is maximal [32].
To complement in-situ TEM observation, Automated Crystallographic Orientation Mapping (ACOM) in TEM was performed using the ASTAR
technique [33]. The orientation maps were produced by a CM20FEG microscope operated at 200 kV.
3. Results and discussion
3.1. Microstructure of the starting powder and the sintered material
Fig. 1 shows a SEM micrograph of the initial Ni powder. The powder
comprises spherical nanoparticles with the diameter between 50 and
100 nm in addition to ultraﬁne-grained and micrometer-sized particles
(up to the size of 5 μm). Therefore, the initial powder has a bimodal particle structure.
After sintering, the microstructure of the as-consolidated sample
was described as an ensemble of CG (the grain size is larger than
1 μm) and UFG (the grain size is smaller than 1 μm) volumes, i.e. as a bimodal microstructure. The as-processed bimodal-like microstructure is
illustrated in Fig. 2, showing a map in which the various colors indicate
the grains classiﬁed into different size ranges. The fractions of CG and
UFG volumes computed from several EBSD images (Fig. 2 is only one
of them) were found to be ~55 and ~45 vol.%, respectively. The average
grain size in the UFG component of the microstructure was ~550 nm. In
addition to quasi-random crystallographic texture (not shown), EBSD
investigations showed that the CG entities can be subdivided into isolated micrometer-sized grains with an average grain size of ~ 2 μm and
larger spherical multi-crystalline aggregates consisting of more than
one coarse grain (see Figs. 2 and 3a). Actually, the isolated grains with
an average grain size of ~2 μm and the spherical multi-crystalline clusters with the size up to ~ 30 μm occupy 51 and 4 vol.% of the whole
microstructure, respectively. The average grain size within the multicrystalline clusters is ~10 μm. Another characteristic feature of the microstructure is the high fraction of Σ3 CSL-type boundaries, appearing
as red lines in both CG and UFG components in Fig. 3a. Such an
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Fig. 1. The bimodal-like structure of the initial powder observed by SEM.

observation has also been reported in a previous work [28]. The misorientation angle distributions in the UFG and CG fractions are similar, as
shown in Fig. 3b. The peak appearing at the angle of about 60° indicates
the high fraction of Σ3 boundaries in both regions. The Σ3 boundaries
include coherent twin boundaries as it can be seen within the UFG component or the large multi-crystalline cluster shown in Fig. 3a.
The UFG component comprises nanograins (NGs) with the size between 50 and 100 nm and larger grains with the size between 100 nm
and 1 μm, as illustrated in Fig. 4. It should be noticed that residual porosity is mostly found in the UFG volumes, probably due to the incomplete
bonding between the initial nanoparticles. Indeed, Scanning Transmission Electron Microscopy–Energy Dispersive Spectroscopy (STEM–
EDS) measurements (see Fig. A of Supplementary ﬁgure) revealed an
increase of the oxygen content (locally up to 10%) in the area containing
very small grains (~10–20 nm) close to the crack compared to the area
containing larger grains (CG or UFG), which is most probably related to

Fig. 3. Superimposed boundary map/IQ images showing a large multi-crystalline cluster of
about 50 μm in diameter (a); distribution of misorientation across boundaries in UFG and
CG components of the microstructure (b). Red lines in (b) correspond to Σ3 CSL-type
boundaries. (For interpretation of the references to color in this ﬁgure legend, the reader
is referred to the web version of this article.)

the higher amount of NiO phase, originated from the native NiO layer on
the surface of the nanoparticles. This oxide phase hinders consolidation
of nanoparticles, leading to a large local porosity. Actually, the phase
composition in the as-consolidated sample was studied by XRD using
the same device as for XLPA. As illustrated in Fig. 5, a small amount of
NiO phase (PDF: 44-1159) was identiﬁed in addition to the main
phase of fcc Ni. The ratio of the summed integrated intensities for NiO
and Ni peaks was 3.0 ± 0.5%. The presence of incomplete sintering between NGs has a strong impact on the mechanical properties as observed and discussed below.

3.2. The mechanical behavior during compression

Fig. 2. EBSD (superimposed IPF and boundary maps) image of the SPS processed sample.
The grain size distribution is shown by the inset. The blue color represents the UFG component of the microstructure. (For interpretation of the references to color in this ﬁgure
legend, the reader is referred to the web version of this article.)

Fig. 6 shows the engineering stress–strain curves obtained during
uniaxial compression of the consolidated sample at room temperature.
The curves labeled as (C1) and (C2) correspond to the strain rates of
2 × 10−4 s−1 and 2 × 10−2 s−1, respectively. The higher strain rate resulted in a signiﬁcant hardening, while at the lower strain rate the sample softened just after the strain of ~ 10%. The maximum value of the
stress (i.e. the compressive strength) increased from about 600 MPa
to 930 MPa when the strain rate was raised from 2 × 10 − 4 s − 1 to
2 × 10−2 s−1. In addition, due to the higher work hardening the strain
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Fig. 6. Stress–strain curves after compression tests conducted at RT. (C1): the strain rate is
2 × 10−4 s−1; (C2): the strain rate is 2 × 10−2 s−1. See text for more details.

Fig. 4. TEM bright ﬁeld micrographs of the initial bulk sample showing the typical features
of the UFG component (a, b). b shows the presence of nanograins (grain size b 100 nm)
and the associated porosity due to incomplete particle bonding.

corresponding to the compressive strength is larger (~ 70%) at the
higher strain rate than the value (~ 10%) characteristic for the lower
rate. These observations are in good agreement with previous works
[9,24]. In particular, the increase of strain rate and the processing of a bimodal microstructure have been suggested as two possible strategies to

Fig. 5. eCMWP ﬁtting for sample A (after compression up to the strain of 32%). The open
circles and the solid line represent the measured data and the ﬁtted curves, respectively.
The patterns are in logarithmic intensity scales in order to clearly show the weak peaks
of NiO.

postpone the onset of deformation instability, thus improving the ductility of UFG materials [9].
Fig. 7a–d shows EBSD investigations illustrating the deformation
characteristics of the samples deformed at the two strain rates of
2 × 10−4 s−1 (Fig. 7a–b) and 2 × 10−2 s−1 (Fig. 7c–d) up to the failure
point, corresponding to 32 and 65%, respectively. For both strain rates,
the microstructure characteristics are similar when viewed from the
normal face (perpendicular to the compression direction) as shown in
Fig. 7a–c: the morphology of the grains is the same and the CG entities
are free from any kind of deformation patterning (in the present conditions of EBSD analysis). LAGBs with misorientation in the range of 2–5°
(blue color in the EBSD map) and 5–15° (green color in the EBSD map)
appear mostly in the vicinity of grain interfaces, due to localized deformation at these regions. The fraction of LAGBs is only slightly larger for
the higher strain rate at the failure than for the lower strain rate as it can
be seen in Fig. B of Supplementary ﬁgure. Therefore, it can be concluded
from the EBSD investigations that despite the difference in strain rate
and strain to failure, the microstructure in the two samples is quasisimilar when it is investigated on the normal faces. This is in line with
XRD analysis presented in Section 3.3. However, EBSD investigations
carried out on the transverse face (parallel to the compression direction) reveal differences between the microstructures compressed at
two different strain rates (and strains), as shown in Fig. 7b–d. For the
lower strain rate the grains are only slightly elongated while for the
higher strain rate heavily ﬂattened grains with high aspect ratio are observed. This difference can be explained by the larger strain to failure for
the case of higher strain rate. The EBSD data also show dislocation patterning within CGs and reveal the presence of LAGBs with misorientation lower than 2° in the ﬂattened grains (gray contrast in CGs). In
addition, the fraction of LAGBs with misorientation between 5 and 15°
also increased due to compression, particularly in the sample deformed
at 2 × 10−2 s−1 (Fig. 7d). These changes of the grain misorientation distribution during deformation suggest dislocation activity, especially in
CGs of the consolidated microstructure.
To complement these observations, crystal orientation maps using
the ASTAR technique were acquired. Fig. 8a–c shows bright ﬁeld TEM
micrographs and the corresponding inverse pole ﬁgure (IPF) + index
quality (IQ) maps for the sample deformed at 2 × 10−2 s−1 up to failure
(65%). These images were obtained on the normal face. This very local
view, contrary to the EBSD map taken on the same face (see Fig. 7c),
suggests that the microstructure consists of elongated grains. In
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Fig. 7. EBSD images showing the microstructures after deformation to failure at two different strain rates. a and b were obtained at the strain of 32% and the strain rate of 2 × 10−4 s−1 on
the planes perpendicular and parallel to the compression direction, respectively. c and d were taken at the strain of 65% and the strain rate of 2 × 10−2 s−1 on the planes perpendicular and
parallel to the compression direction, respectively.

addition, spherical NGs are clearly visible between UFG grains, similar to
the as-consolidated state (see the TEM images in Fig. 4). In many areas,
NGs form thin layers following the contours of the UFG grains. It is interesting to note that the orientation inside the UFG grains (see for instance grain A in Fig. 8b) is not always uniform, suggesting high
density of dislocations presumably arranged into LAGBs as discussed
above, in agreement with XRD investigations presented in the next section. The spherical shape of a large number of NGs between elongated
grains in the deformed material suggests that their interiors did not deform plastically but rather the grains rolled, rotated and/or glided collectively along their boundaries in order to accommodate plastic
strain. Most probably, in this process the pores between NGs act as

Fig. 8. TEM bright ﬁeld images of the microstructure in the plane perpendicular to the
loading axis deformed at 2 × 10−2 s−1 (a, b) and 2 × 10−4 s−1 (c). Note the presence of
elongated grains surrounded by NGs in both cases. The IPF map (a) highlights the presence
of local misorientation in the elongated grains (indicated by an arrow in grain A) due to
subgrain boundaries and/or high dislocation density.

“free volumes”, thereby facilitating the deformation. The rheological behavior of the NG component is then thought to have a signiﬁcant impact
on the mechanical response, especially on the hardening/softening
behavior.
3.3. XRD study of the change in lattice defect structure during deformation
The study of the change in the type and densities of lattice defects
(dislocations, twin boundaries, etc.) during deformation may indicate
the main deformation mechanisms that occurred during plastic
straining. Therefore, the parameters of the microstructure were determined before and after compression at both strain rates.
The median and the lognormal variance of the crystallite size distribution, the area-weighted mean crystallite size, the dislocation density
and the twin boundary probability determined by X-ray line proﬁle experiments are listed in Table 1. For the initial state, as shown in Fig. 9,
the Debye–Scherrer rings exhibited inhomogeneous intensity distribution. The sharp intensity spots in the Debye–Scherrer rings are related
to reﬂecting grains in the CG fraction. The diffraction peaks of these
large grains were as narrow as the instrumental proﬁles (Δ(2Θ) =
0.02°), therefore these lines were not evaluated for the microstructure.
However, it can be established that the dislocation density and the crystallite size are smaller and larger, respectively, in the CG volumes than
the detection limits for the present experimental setup of X-ray line
proﬁle analysis (1013 m−2 and 800 nm, respectively). For the determination of the microstructural parameters in the UFG volume, parts of
the Debye–Scherrer rings free from sharp spots were cut and evaluated.
Therefore, for the initial sample the parameters of the microstructure
presented in Table 1 characterize only the UFG fractions. In the whole
volume of the initial sample, the dislocation density and the crystallite
size were lower and larger, respectively, than the values given in
Table 1. At the same time, for the deformed samples high intensity
spots were not visible as the large density of dislocations formed during
compression and the grain fragmentation considerably increased the
peak proﬁle breadths of coarse grains. As a consequence, in the case of
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Table 1
The parameters of the microstructure obtained by X-ray line proﬁle analysis. m and σ2 are the median and the lognormal variance of the log-normal crystallite size distribution, bxNarea is
the area-weighted mean crystallite size, ρ is the dislocation density and β is the twin boundary probability.
Sample

m [nm]

σ2

bxNarea [nm]

ρ [1014 m−2]

β [%]

Initial sample (UFG regime only)
After compression up to the strain of 32% at the strain rate of 10−4 s−1
(whole sample)
After compression up to the strain of 65% at the strain rate of 10−2 s−1
(whole sample)

175 ± 15
34 ± 4

0.023 ± 0.005
0.16 ± 0.03

185 ± 20
51 ± 6

1.2 ± 0.2
22 ± 2

0.5 ± 0.1
0.1 ± 0.1

37 ± 4

0.12 ± 0.03

50 ± 6

25 ± 3

0.2 ± 0.1

the deformed samples the parameters of the microstructure listed in
Table 1 describe the whole material.
The dislocation density increased by about one order of magnitude
while the twin boundary probability decreased during compression,
which indicates that the deformation in the consolidated samples occurred mainly by the motion and multiplication of dislocations. The experimental value of parameter q was 1.9 for both strain rates. This
quantity reﬂects the edge/screw character of dislocations. The theoretically calculated values of q for pure edge and screw dislocations in Ni are
1.4 and 2.2, respectively [34], therefore the measured q suggests a
mixed (half edge–half screw) character of dislocations. The decrease
of the twin boundary probability can be attributed to the interaction between gliding dislocations and twin boundaries, which resulted in an
un-twinning process as described in a previous report [35]. The crystallite size distributions for the initial sample and its deformed counterparts are plotted in Fig. 10. Signiﬁcant reduction in the mean
crystallite size by a factor of about four occurred during compression
at both strain rates.
The values of the crystallite size, the dislocation density and the twin
boundary probability agree within the experimental error for the two
strain rates. At the same time, the ﬂow stress values are very different: about 500 and 900 MPa for the strain of 32% at the strain rate of
2 × 10− 4 s− 1 and for the strain of 65% at the strain rate of 2 ×
10− 2 s− 1, respectively (see Fig. 6). As these strain rates are too low

for the occurrence of dislocation drag effects, the large increment in
the ﬂow stress at higher strain rate can be, at least partly, explained
by the operation of deformation processes with large strain rate sensitivity. Dislocation nucleation at grain boundaries and grain-boundary
sliding [36,37] are two possible mechanisms which may result in the increase in strain rate sensitivity. More generally, the interaction between
dislocations and twin/grain boundaries, including dislocation absorption, decomposition and motion, can be invoked as potential mechanisms yielding high strain rate sensitivity. These mechanisms are inline with in-situ TEM investigations (see the next section). Nevertheless, it should also be emphasized that besides these mechanisms,
intragranular dislocation mechanisms also operate as indicated by the
strong increase of the dislocation density during compression.
3.4. In-situ TEM investigations
In order to get a precise identiﬁcation of the operating deformation
mechanisms in the present bimodal microstructure, in-situ TEM experiments have been carried out. Indeed, in-situ TEM study of the microstructure during tensile test shows that various mechanisms can be
distinguished in the UFG component of the consolidated material.
These mechanisms are the followings: crack nucleation and propagation, grain sliding/rolling, lattice dislocation activity, mechanical twinning and enhanced partial dislocation activity.
3.4.1. Crack development, growth and propagation
The development of a crack can be seen in the TEM image of Fig. 11,
which was taken during an in-situ TEM experiment. Fig. 11a and b
shows that the crack propagates in the volumes where the porosity is
large, and opens the existing porosities in front of its tip. Fig. 11c
shows the orientation map superimposed on the IQ map before crack
opening for the same area as shown in Fig. 11a and b. It can be seen
that the crack path clearly follows the regions where mainly NGs are
present (indicated by arrows). These volumes have smaller resistance
against crack opening due to the weaker particle bonding and the
higher porosity caused by the incomplete sintering owing to the large
fraction of NiO on the interfaces of NGs. The behavior of these small

Fig. 9. Debye–Scherrer diffraction rings for reﬂection 200 in the case of the initial state
(a) and after its deformation up to the strain of ~32% (b) at a strain rate of 2 × 10−4 s−1.

Fig. 10. The crystallite size distributions for the initial sample as well as after compression
at the two different strain rates.
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Fig. 11. In-situ TEM experiments showing: evidence of crack propagation by void nucleation and growth in NG area (highlighted by arrows in the orientation map in (c)) (a–c); crack
opening by the simple glide of NGs without deformation (d, e); a high dislocation storage in UFG grains in the crack path (f).

grains during crack opening has been monitored, as shown in Fig. 11d
and e. These two snapshots taken during straining show that NGs simply glide on each other, conﬁrming the interpretations of the relatively
high strain rate sensitivity and the spherical shape of NGs after deformation (see Section 3.2 and Fig. 8).
In addition, a crack may encounter larger UFG grains in its path
which may retard the crack growth [3]. This behavior can be noticed
in Fig. 11f where there is a UFG grain in a crack path which deforms
by multiplication of dislocations. This observation is in agreement
with XLPA results which indicated the increase of the average

dislocation density during compression. Kumar et al. [38,39] discussed
the mechanisms of crack-growth and propagation in NC metals and alloys. In particular, for electrodeposited NC Ni, it was reported that voids
at GBs and triple junctions ahead of the main crack grew with progressive loading, thereby producing intergranular fracture. In the present
material such mechanisms are facilitated by the pre-existing porosity
due to incomplete particle bonding. Finally, it should be noted that
our observations are also in line with molecular statics study of the
crack propagation in the model material of NC Ni with a mean grain
size of 10 nm [40]. It has been shown that the crack propagates inter-

Fig. 12. An inter-granular source (S) operation from a triple junction during an in-situ TEM test close to crack tip (a); a dislocation d is emitted from S and is temporary pinned at a GB
(b), before being released and eventually trapped in the opposite GB (c).
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granularly, creating nano-voids ahead of the crack which coalesce
gradually.
3.4.2. Dislocation emission, pile-up and annihilation
Fig. 12 proves the occurrence of dislocation-based mechanisms of
plasticity in a UFG region with negligible porosity. Dislocation emission
from both GBs (see Fig. 12, and Supplementary video 1) and intragranular sources (see Fig. 13 and Supplementary video 2) was detected.
These dislocations form pileups inside the grains (see Fig. 13).
Fig. 12a shows a UFG grain with the size of about 200 nm near a
crack tip where a high concentration of stresses arises. In the bottom
part of the image a dislocation source (denoted by S) can be identiﬁed
at a triple junction. Upon straining, a dislocation denoted by d is emitted
from S and eventually stops at the pinning point P located in a GB. This
observation is in agreement with former atomistic simulations, which
showed that in NGs the nucleation and the pinning of dislocations occurred at GBs [41]. The operation of dislocation sources at GBs has also
been observed in UFG Al thin ﬁlms [42]. During further straining the
curved part of the dislocation is released and glides rapidly toward the
opposite GB where it disappears (see Fig. 12c).
An intra-granular source has also been observed during its operation
in a grain with the size of about 200 nm (see Fig. 13). This source is a
typical single arm source [43] composed of a ﬁxed pining point (PP)
and a moving arm (MA) as shown in Fig. 13a. Upon straining, the moving arm expands around the ﬁxed point and a dislocation (denoted by
d4 in Fig. 13b) is generated. This dislocation further glides toward a
GB. From the previously generated dislocations (denoted by d1, d2
and d3) a pile-up formed in front of the GB. It seems that the stress
ﬁeld of dislocation d4 resulted in a decrease of the spacing between dislocations d1–d3 and the GB. This source has been observed to operate
several times before stopping. However, after a few tens of seconds
the dislocation in front of the pile-up was gradually absorbed by the
GB as a consequence of stress delocalization in the GB [44,45]. Previous
in-situ work on NC Ni [38] revealed copious dislocation emission triggered at crack tips, and this process extended over several grains
ahead of the tip. In addition, the authors showed that these dislocations
generated at GBs and were absorbed at the opposite or adjacent boundary. Even if the considered grain size regime was narrow (30–40 nm),
these observations are in line with the ﬁndings of the present work.
Due to the dislocation absorption in GBs, the back stress exerted by
the GBs on the pile-up and the source, which is proportional to the number of dislocations, decreases and the emission process can continue.
The absorption of dislocations at GBs is thermally activated and thus
may contribute to the observed strain rate sensitivity [46]. At low strain
rates, the thermally activated annihilation of dislocations can compensate the dislocation emission from the sources, resulting in a moderate
hardening. However, with increasing strain rates the annihilated dislocation density per unit strain decreased which yielded higher dislocation density, leading to a larger strain hardening [45].
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3.4.3. Twinning and partial dislocation activity
On the one hand, EBSD and TEM investigations showed the presence
of grown-in twins in the as-consolidated Ni microstructures. On the
other hand, in normal conditions, deformation twinning is not a preferential deformation mode in Ni because of its quite high stacking fault
energy (SFE). However, at high stress levels the required local stress
for twinning can be achieved. This situation can be easily fulﬁlled at
crack tip where copious ﬁne twins can be observed, as shown in
Fig. 14 (note that the grain labeled as A has already been shown in
Figs. 12 and 13 with operating dislocation sources). Molecular statics
predicted such events [40] and recently Kumar et al. [38] also reported
the formation of twins during deformation of electrodeposited NC Ni
in a TEM. But as discussed in Ref. [39], care must be exercised to differentiate between deformation and growth twins. This is also the case in
the present study, as growth twins already exist within the asconsolidated microstructure. Indeed, as discussed above, EBSD investigations showed that in the course of deformation the amount of TBs decreased (actually all CSL-type Σ3 boundaries, including TBs). In addition,
XLPA showed that the TB probability decreased from about 0.5 to 0.1–
0.2% (see Table 1) which suggests an un-twinning process in the course
of straining. Additionally, our in-situ TEM experiments revealed the motion of partial dislocations inside the nano-twins as illustrated in
Fig. 14b–c as well as in Supplementary video 3. Indeed, Fig. 14b and c
shows two snapshots taken during straining in a grain located between
two pores (visible on the left and right sides of the images) along the
crack path. A subgrain boundary (SGB) connected to a twin (T) is also
visible. A partial dislocation (denoted by d) presumably emitted from
the SGB can be clearly identiﬁed in the twin, as it induces a typical
shift in the twin fringes apart from the dislocation (see how the black
and white fringes are not in correspondence across the dislocation in
the inset of Fig. 14b). Upon straining, the partial dislocation moves rapidly along the twin extending the fault from left to right (Fig. 14c). Note
that in the inset of Fig. 14c the fault fringes become continuous in contrast to Fig. 14b. It is emphasized that the extension of the twinned volume by partial dislocation glide does not increase the twin boundary
probability. The overall decrease of the twin boundary probability observed by EBSD and XLPA (i.e. the detwinning) might be related to the
large increase of dislocation density during deformation that can copiously interact with growth twins, leading to a TB disruption and coherency loss as reported in Refs. [32,39,47].
4. Conclusions
• A bulk polycrystalline nickel sample was processed by SPS from a heterogeneous powder consisting of a mixture of nano- and micrometersized particles. The consolidated sample has a bimodal grain structure
comprising ~55 vol.% CG and ~45 vol.% UFG components. The CG volumes can be subdivided into two fractions: isolated micrometer-sized
grains with an average grain size of ~2 μm and larger spherical multi-

Fig. 13. Operation of an intra-granular single arm source in a UFG grain followed during an in-situ TEM tensile test. The source is composed of a pinning point (PP) around which a mobile
arm (MA) expands and produces dislocations d1–d4 piling against a GB (a, b).
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Fig. 14. Nanotwins observed at the crack tip near grain A where intense dislocation activity has been noticed (a); a partial dislocation (denoted by d) motion in a twin (denoted by T) along
the crack path (b, c). The inset in (c) shows the change in the fringe contrast of the twin before and after the dislocation motion.

crystalline clusters with the size of ~ 30 μm, which occupy 51 and 4
vol.% of the whole microstructure, respectively.
• During compression the crystallite size decreased, the dislocation
density and the LAGB fraction increased while the twin boundary frequency decreased, which indicate that dislocations have signiﬁcant
contribution to plastic deformation in this consolidated bimodal microstructure. In-situ TEM observations during tensile test also showed
the operation of dislocation sources in the interior and in the boundaries of UFG grains.
• Besides dislocation activity, gliding and rolling of NGs were also observed during deformation. The dislocation activity in CG volumes of
the consolidated bimodal microstructure might yield an increase of
strain hardening capability, contributing also to the observed high
strain rate sensitivity.
• It seems that the native NiO phase on the surface of nanoparticles hindered the consolidation in the regions consisting of NGs. Therefore,
the cracks formed during deformation usually propagated in these regions which have smaller resistance against crack opening due to the
weaker particle bonding and porosity. In nanograin clusters in-situ
TEM revealed the occurrence of twinning, partial dislocation activity
and rolling of NGs at crack tips.
Supplementary data to this article can be found online at http://dx.
doi.org/10.1016/j.matchar.2014.11.025.
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