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Abstract

Deformation twinning in hexagonal crystals is often considered as a way to palliate the lack of independent slip sys-

tems. This mechanism might be either exacerbated or shut down in small-scale crystals whose mechanical behavior

can significantly deviate from bulk materials. Here, we show that sub-micron beryllium fibers initially free of disloca-

tion and tensile tested in-situ in a transmission electron microscope (TEM) deform by a {101̄2} 〈101̄0〉 twin thickening.

The propagation speed of the twin boundary seems to be entirely controlled by the nucleation of twinning dislocations

directly from the surface. The shear produced is in agreement with the repeated lateral motion of twinning disloca-

tions. We demonstrate that the activation volume (V) associated with the twin boundary propagation can be retrieved

from the measure of the twin boundary speed as the stress decreases as in a classical relaxation mechanical test. The

value of V ≈ 8.4 ± 3.3 × 10−29m3 is comparable to the value expected from surface nucleation.
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1. Introduction

Hexagonal close packed (hcp) metals are known for

their particular mechanical properties such their high

strength to weight ratio. In such anisotropic metals, the

mechanical response strongly depends on the solicita-

tion and texture. For instance, Hall-Petch effects appear

to be dependent on the orientation and Peierls friction

stress on the different slip systems [1]. Deformation

twinning is often easier than the activation of non basal

dislocation slip, which explains its importance in the de-

formation of many hexagonal metals [2] as it may be a

way to enhance the ductility [3].

However, twinning also induces a strong strain hard-

ening as twins act as barrier to dislocation motion and

to further twin propagation [4, 5]. In the recent years,

the possibility of a fine tuning of the mechanical prop-

erties by incorporating twins in the microstructure, such

as nanotwinned copper [6] or twinning induced plastic-

ity (TWIP) steels [7], have been extensively used. In

finely twinned copper for instance, the decrease of the
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twin separation distance down to few nanometers have

led to a large increase of the strength while maintaining

some ductility. However, a clear picture of the impact of

twinning on the mechanical properties of metals is still

lacking, especially at small scales [8, 9], mainly because

several competing mechanisms can be at play: twin

nucleation, propagation and thickening, interaction be-

tween twins or with dislocations [10], de-twinning [11]

etc. The kinetics of plastic deformation can be inves-

tigated by measuring the sensitivity of the stress to the

strain rate and to the temperature to determine the acti-

vation parameters of rate controlling mechanisms. The

activation volume V which is inversely proportional to

the strain rate sensitivity is a measure of the volume of

matter involved in the thermally activated process [12].

Such parameters (with the activation energy) are often

used to discriminate between these various mechanisms

but are often complex to obtain, especially during an

in situ TEM experiment. In nanotwinned copper, it has

been postulated from the low value of the activation vol-

ume (few b3, compared to value of several hundreds of

b3 for typical mechanisms in coarse grained) that twin

transmission is the rate controlling deformation mecha-

nism [13]. Moreover, because lattice dislocations can

easily dissociate and eventually glide inside a coher-
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ent twin [10], contrary to grain boundaries where they

usually decompose [14, 15], ductility is enhanced com-

pared to conventional nanocrystalline (nc) metals.

Beryllium deforms by dislocation slip on the basal

and prismatic planes [16, 17], but prismatic glide

exhibits a strong anomalous increase of the yield

stress with temperature close to the room tempera-

ture, which can be ascribed to strong friction stresses

[18, 19]. Twinning through gliding dislocations mech-

anisms have been proposed early in hcp metals [20–

23]. For the {101̄2} 〈101̄0〉 twin, which is the activated

system in Be, it involves dislocations of Burgers vec-

tor ≈ 0.12[101̄1] associated with a step which height

is 2 times the {101̄2} interplanar spacing (zonal twin-

ning dislocation) [2]. In a general context of interfa-

cial defects, such dislocations with a step character have

been coined disconnection by Hirth and Pond [24]. If

twinning dislocations are well known, their propagation

and especially their nucleation mechanism still remains

partly understood. Both homogeneous or heterogeneous

nucleation and propagation can be considered [2]. The

first case is thought to arise when a combination of very

high stress and very low surface and strain energy is sat-

isfied. Although unlikely in conventional bulk crystals,

this process may happen in dislocation free whiskers as

suggested by early observations of Price in Zn [25], re-

cent ones by Roos in Au [26] or in small Mg pillars [27].

Twin thickening by the spontaneous nucleation of twin-

ning dislocations has also been envisaged to account for

the observation of growing twins in Cu-Ge alloys with-

out evidence of source operation or dislocation emission

from grain boundaries [28]. Such high stress concentra-

tions can also be found near crack tip where twin nu-

cleation can be observed [29] or from grain boundaries

and triple junctions [30], especially in nanograins where

partial dislocation nucleation is thought to be less ener-

getically costly than perfect dislocations [31, 32]. From

a theoretical point of view, it is now well established that

dislocation nucleation from free surfaces can be facili-

tated by surface imperfections [33, 34]. In the case of

twinning dislocations, it has been suggested that the nu-

cleation of a second twinning dislocation in an adjacent

plane can be stimulated by the presence of the stacking

fault of the first one [27, 35]. Recent molecular dynam-

ics simulations in Mg also indicate that twin thickened

from the formation of twinning dislocations presumably

from the surface [36].

Heterogeneous nucleation through the operation of a

twinning dislocation source composed of a sessile dis-

location intersecting the twin boundary, i.e. the pole

mechanism has been proposed early in hcp metals [21].

More recently, Serra and Bacon have found that the de-

composition of a lattice dislocation into a {101̄2} twin

creates a sessile disconnection that eventually acts as a

source [37] which follows the twin boundary as it mi-

grates. Recent mechanical modeling tends to indicate

however that such decomposition of lattice dislocation

into twinning dislocations (so-called slip-assisted twin-

ning) is insufficient to account for the mechanical prop-

erties of hcp metals and so that direct twinning nucle-

ation should also operate [38]. Thus, the twin thicken-

ing under a shear stress parallel to the twin boundary

occurs by the repeated motion of twinning dislocations.

A similar situation has also been found for grain bound-

aries, where the migration coupled to stress is due to the

motion of disconnections [39–41]. This phenomenon

which has been observed either in bicrystals [42, 43]

and polycrystals [44–46] plays an important role in the

mechanical properties of nc metals by promoting grain

growth.

In this paper, we report the observation of a sin-

gle {101̄2} 〈101̄0〉 twin boundary migration in a sub-

micron beryllium fiber deformed in tension in-situ in a

transmission electron microscope (TEM). After present-

ing the microstructure and the experimental set-up, we

show that the twin boundary did not propagate by the

operation of a pole mechanism, but more presumably

by the nucleation from the free surface. By measuring

the twin boundary speed as the stress relaxed, we were

able to retrieve the activation volume associated with

this individual mechanism. We then discuss both the

nucleation and motion of twin dislocation mechanisms

to interpret the obtained value.

2. Experimental

Freestanding beryllium fibers where obtained from a

directionally Al-2.4 at.%Be eutectic alloy with the same

approach described in [47]. 3 by 1mm samples were

first cut in a bulk ingot by an electrodischarging ma-

chine with the long direction parallel to the fiber length.

They were then mechanically polished and etched by

the Struers A2 electrolytic solution at -10◦C. This leads

to the fast etching of the aluminium matrix which freed

the Be fibers in a circular etched region as shown in fig-

ure 1a. In consequence, the fibers are freestanding in

the middle of a TEM hole. Around the hole, the rest

of the specimen is composed of the eutectic alloy. The

figure 1 shows the geometry of the TEM hole with the

fibers. The complete hole (figure 1a) is 450 µm large

and no electron transparent zones can be observed on

its borders meaning the eutectic alloy has been etched

only in its center. The hole itself is composed of several

tens of fibers of approximately the same diameter. Most
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Figure 1: a) A selectively etched Al/Be eutectic forming a hole containing freestanding electron transparent Be fibers. b) is a zoom on the right

side of the hole where fibers are attached from both sides to the rest of the eutectic. c) is a zoom in the region 1 shown in b) where the observations

were performed. d) is a schematics of the straining device. The straining direction T is along the fiber direction.

of the fibers have only one end attached to the rest of

the matrix. The area where we concentrate our inves-

tigation is located on the right side of the hole close to

the edge and contains few fibers attached at both ends

(figure 1). A GATAN straining holder was used at room

temperature to deform the whole specimen containing

the fibers. During this mechanical test, the displace-

ment is imposed via a long steel rod to the sample fixed

on a copper grid (see figure 1d). The copper grid is at-

tached to the jaws by screws. The TEM sample itself is

glued on the copper grid. In-situ observations were per-

formed on a JEOL2010 operated at 200kV. Video se-

quences were recorded on a DVD by a MEGAVIEW

III camera at 25fps. Tensile tests of individual fibers

were performed in a Nova 200 scanning electron mi-

croscope/focused ion beam (SEM/FIB) equipped with

a piezo-actuated platform and Femtotools load cells.

Strain is calculated using a Matlab routine [48]. For

more details about individual wire testing, one can refer

to [49–51].

3. Results

Most of the fibers in the area shown in figure 1c are

about 200 µm long. End-on observations of broken

Figure 2: a) Most of the fibers deformed along the straining axis T

having their long direction parallel to their 〈c〉-axis are hard to deform

while the (011̄2) twin is favourably oriented (b).

3



Figure 3: a) to d) show the migration of a (011̄2) twin boundary under stress. X1 and X2 are fiducial markers. e) is the image difference d)-c) when

X2 position is set as a reference. This allows the measure of both the migration distance (d⊥) and the shear displacement (d‖).
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fibers by SEM show that the fibers have a circular cross

section. The diameter of the fibers is almost constant

over the whole fiber length. The majority of the fibers

have a diameter of approximately 400 nm but fibers with

diameter around 250 nm were also observed. The fibers

are usually straight and no dislocations can be observed.

Fibers which are detached at one end can be bent, and

a high dislocation density can be observed in the bent

area. This indicates that plastic deformation until frac-

ture has occurred prior the experiments in a very lim-

ited area, similarly as observed in aluminium fibers [47].

More details on plastic deformation by dislocation slip

will be given in a forthcoming article. Few {101̄2} twin

boundaries can also be observed. They are indicated in

figure 1c by the label tw1 and tw2. Another twin can be

observed in the area 2 where fibers are already broken

(figure 1b). Lots of fibers stack together forming a large

loose tangle in figure 1b. Figure 2 shows a closer view

of the twin boundary tw1. Electron diffraction analysis

has shown that most of the fibers have their 〈c〉 axis par-

allel to the fiber length while the twinned area present

a 〈c〉 axis almost perpendicular (figure 2a), so that the

(011̄2) twin plane is making an angle of about 54◦ with

the straining axis T (figure 2b). In such configuration,

the Schmid factor, s f = cos(~n, ~T ) cos(~s, ~T ) ≈ 0.47, with

~n the normal to (011̄2) and ~b is the shear direction, i.e.

parallel to [011̄1̄], is close to the maximum value. Such

configuration then favours the growth of the twin in ten-

sion.

3.1. Twin boundary migration

Twin boundary migration under stress has been ob-

served after strain increment until the stress relaxed up

to a critical value where the twin boundary remained

immobile. After several increments, the twin boundary

tw1 seen at its initial position (i) in a 400 nm large fiber

(figure 1c) has moved to its final position (f), which rep-

resents a distance of about 8.5 µm, before being stopped

definitely. A second twin boundary tw2 located on an

adjacent fiber (diameter around 400 nm) in the lower

part of area 1 (figure 1) started then to move. The mo-

tion of this twin boundary has been followed over 5

µm. Figure 3 shows bright field images, taken under

the diffraction vector ~g = (101̄1)t (the subscript t refers

to the twinned area), extracted from a video sequence.

They show the motion of the twin boundary tw1 over a

short distance after a strain increment. The motion of

the twin boundary can be easily followed by remarking

fixed points located at the fiber surface and noted X1

and X2 (for the corresponding video see the supplemen-

tary materials). The twin boundary motion appears to

be smooth with an average migration speed around 10

nm/s. Figure 3e is the image difference between figure

3d and figure 3c when the marker X2 is set as a reference

(see the uniform grey contrast of X2). It can then be

clearly seen that the twin boundary migration has pro-

duced a displacement of the lower part of the fiber of

a distance d‖. This displacement linearly increases as

the twin boundary migrates, as evidenced by the angle

γ formed by the fiber sides on both sides of the twin

boundary (figure 3e). As a consequence, the fiber is de-

formed by a shear strain also called coupling factor (β)

for grain boundaries by Cahn et al. [52].

Since the twin plane is inclined only 6◦ from the elec-

tron beam direction in figure 3, the shear strain can be

directly obtained by measuring the inclination of the

twin plane with respect to the fiber direction (angle i)

and the angle γ:

β =
d‖

d⊥
=

sin γ

sin i sin(i − γ)
(1)

Taking i = 42 ± 1◦ and γ = 5.4 ± 0.4◦ leads to

β = 0.237 ± 0.03. This value is very close to the value

expected as explained below. The figure 4 shows the

[12̄10] projection of the dichromatic pattern of the twin.

Black symbols correspond to the matrix (m) and white

ones to the twinned crystal (t) while opened and close

symbols indicate the lattice positions in two adjacent

parallel planes along the [12̄10] direction. In this con-

figuration, the twin boundary (101̄2) is edge on. The

twin boundary migration is supposed to operate by the

motion of ~btwin = ~b2/2 disconnection [20, 22, 53]. The

notation ~bp/q indicates that the disconnection has a step

which height h in the white and black lattice is p and q

in units of (101̄2) lattice planes spacing [54]. Following

the notation of Frank and Pond their Burgers vector is

[55, 56]:

~btwin =
1

λ2 + 2
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with λ =
√

2
3

c
a

(c and a the lattice parameters). The

norm of the Burgers vector is ‖~btwin‖ =
√

6(2−λ2)

2
√
λ2+2

a ≈

0.053 nm, and the step height h =
√

6√
2+(2/λ)2

a ≈ 0.265

nm. The coupling factor arising from the motion of this

disconnection is then β = ‖~btwin‖/h = 2−λ2
√

2λ
= 0.1992, in

agreement with the measured value.
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Figure 5: Diffraction contrast broadening (indicated by the arrow) increased from a) to b) and decreased from b) to c) near the fiber surface

concomitantly with twin boundary migration. This can be interpreted by the emission of dislocations from the surface. Note the presence of

secondary dislocations in the twin boundary dragged as the twin boundary migrated. d) is the image difference c)-a).

Figure 4: Projection of the dichromatic pattern of the twin along the

[21̄1̄0] direction. Black and white symbols corresponds to the twin

and matrix respectively. Circle and square symbols indicate lattice

positions in two adjacent planes along the [011̄2] direction. The twin-

ning dislocation has a Burgers vectors ~btwin = ~b2/2 associated with a

step h. The shaded red area corresponds to the area swept by the twin-

ning dislocation while moving along the twin plane during the twin

boundary migration.

4. Dislocation nucleation

A closer inspection of the twin boundary at higher

magnification, under ~g = (101̄1)t, shows the presence of

equally distributed dislocations with a spacing of 12 nm

(figure 5). These dislocations are supposed to be sec-

ondary intrinsic dislocations that accommodate a slight

misorientation from the 84.78◦ perfect twin misorienta-

tion [57]. Indeed, the observed twin boundary presents

a misorientation ≈ 85.2◦ around [2̄110], so that the extra

misorientation can be accommodated by a single set of

edge dislocations as observed. During migration, these

dislocations follow the twin boundary without moving

laterally. However, blurred and rapidly oscillating con-

trasts (see the video in the supplementary materials) can

be clearly identified close to the fiber surface (indicated

in figure 5 by arrows). The apparition of a strong con-

trast (fig. 5b) and its spreading (fig. 5c) along the

twin boundary plane can be followed during few sec-

onds. Although difficult to interpret, it is associated with

the motion of the twin boundary and appear only under

stress, which is a strong indication of the nucleation of

dislocation in an area close to the fiber surface. Figure

5d is the image difference c)-a). It shows that within the

time interval where this strong contrast was observed,

the twin boundary has progressed over a distance d⊥
which can be determined by measuring the migration

distance of the secondary dislocations. The value of
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d⊥ ≈ 5.2 ± 0.8 nm approximately corresponds to the

passage of 20 twinning dislocations, i.e. 20 times the

step height h = 2d{101̄2} = 0.265 nm. The nucleation

rate is ṅ ≈ 5 dislocations per second, a value of the or-

der of the dislocation production rate by spiral sources

in Al fibers deformed homogeneously at low stress and

strain rate (ǫ̇ ≈ 3 × 10−6 s−1, τ ≈ 100 − 200 MPa) [47].

4.1. Twin nucleation

Although the first twin nucleation event has not been

directly observed during in-situ experiments, figure 6

shows evidence of early twin formation and thickening.

Figure 6a shows a twin lamella (tw) located somewhere

along a fiber. From both sides of the twin boundaries,

indicated by arrows, no dislocations or clear defects can

be identified. Interestingly, a high dislocation density is

visible in the twinned area, as expected from the orien-

tation change. Indeed, whereas Schmid factors of pris-

matic slip systems has extremely low values in the ma-

trix oriented along the 〈c〉 axis, they reached almost their

maximum in the twinned area. The plastic zone is thus

mainly confined in the twinned area. This observation

tends to indicate that the twin has nucleated in the fiber

oriented along its 〈c〉 axis, presumably from the surface,

and eventually thickened through the entire fiber. This

is reminiscent from the observation and MD simulation

of long twin formation in gold nanowhiskers by the coa-

lescence of individual twins nucleated from the surface

[58]. Eventually plastic deformation due to prismatic

slip has occurred.

Figure 6b shows a twin (tw) near a fractured fiber.

Contrary to the case shown in figure 6a, the fiber is

more heavily deformed, with twin boundaries distorted

and numerous dislocations in the matrix. This situation

probably results a deformation at higher strain rate dur-

ing which only a thin twinned area underwent ductile

fracture rapidly. In the absence of prismatic slip, as ob-

served in figure 3, the value of ǫ̇p ≈ 5 × 10−6s−1, ex-

tracted from the twin boundary speed gives an order of

magnitude of the strain rate for homogeneous deforma-

tion.

5. Stress relaxation

As twin boundary migration seems to operate by nu-

cleation from the surface and propagation of twinning

dislocations, we propose in this section a method to

measure the corresponding activation volume.

5.1. Activation volume measurement

Macroscopically, the activation volume can be mea-

sured during a relaxation stress by plotting the variation

of the strain rate logarithm versus the stress logarithm

according to [12, 59]:

V = kT
∂ ln ǫ̇p

∂σ

∣

∣

∣

∣

∣

∣

T

(3)

If we consider that the dislocation density remain con-

stant, the variation of the strain rate is equal to the vari-

ation of the dislocation speed. During in-situ experi-

ment, the variation of the dislocation speed with the lo-

cal stress, measured through the dislocation curvature,

can be tentatively extracted leading to the determina-

tion of the activation volume. In the present case, it is

not possible to measure locally the stress but a clear de-

crease of the twin boundary speed during the relaxation

is recorded. In the following, we discuss the possibility

of extracting the activation volume from the measure of

the twin boundary speed during the relaxation.

5.2. Fundamental of stress relaxation

From the above observations it can be supposed that

a few fibers located in the right border of the hole and

which are not in the tangles are able to deform plasti-

cally. A careful examination of the machine stiffness

given in Annex Appendix A indicates that the testing

machine, composed of the copper grid, the glue, the

straining rod and the thicker parts of the eutectic al-

loy, can be considered as almost infinitely hard com-

pared to the specimen composed of fibers of total length

l0 ≈ 230 ± 30 µm. Under these conditions, the relation

between the engineering strain, ǫ̇, engineering plastic

strain, ǫ̇p and the observed true stress rate, σ̇ is given in

a good approximation 1 by:

ǫ̇ ≈ ǫ̇p +
σ̇

E
(4)

For a relaxation test, the imposed displacement is

null, i.e. ǫ̇ = 0 and then,

ǫ̇p ≈ −
σ̇

E
(5)

In the following we will assume that the relaxation

curve i. e. σ vs. t, exhibits a logarithmic decay of the

1we consider that the plastic strain of the specimen is small and

then the true plastic strain is equal to engineering plastic strain
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Figure 6: a) and b) are post-mortem evidence of twins (tw) that have formed inside a fiber. c) is the engineering stress strain curve corresponding

to a micromechanical test performed on the fiber at a strain rate of 3 × 10−5 s−1 shown in b).

stress with time. This has been proven to be true for a

wide range of materials [12]:

∆σ = −kT

V
ln

(

1 +
t − ti

t0

)

(6)

with V is the apparent activation volume and t0 a time

constant and ti the starting time of the relaxation. Com-

bining equations 5 and 6 leads to:

ǫ̇p ≈
kT

EV

(

1

t + t0 − ti

)

(7)

Now we have to establish the relation between the

plastic strain rate and the twin boundary speed v. Con-

sider now the figure 7 which schematically describes the

evolution of the fiber under the migration of the twin

boundary from its initial position (tw (i)) to its final one

(tw ( f )). During this motion over a distance d⊥, a shear

strain d‖ is produced which leads to the elongation of

the fiber.

During a time interval ∆t, the twin boundary migrates

at a speed v =
d⊥
∆t

, producing a shear strain β =
d‖
d⊥

. The

specimen elongation is ∆l = d‖ sinα, α being the twin

boundary plane inclination and l0 the gage length. The

plastic strain is then:

ǫp =
∆l

l0
=

d‖ sinα

l0
=
βd⊥ sinα

l0
(8)

From equation 8, the plastic strain rate is given by:

ǫ̇p =
βd⊥ sinα

l0∆t
=
β sinα

l0
v (9)

The relation between the twin boundary speed and time

can thus be derived combining equations 7 and 9:

v =
kT

EV

l0

β sinα

(

1

t + t0 − ti

)

(10)

Then the activation volume can be derived by measuring

the variation of the twin boundary speed with time.

Figure 7: Schematics of the deformation of the fiber containing a twin

boundary (tw) that migrates perpendicular to the twinning plane, in-

clined of an angle 90 − α with respect to the straining axis, over a

distance d⊥. This migration produces a shear displacement parallel to

the twinning plane d‖.
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Figure 8: Variation of the twin boundary migration speed (v) as a func-

tion of time (t). Lines indicate two data fit for data ranging between t0
and t=40 s (full line) or t=15 s (dashed line)

5.3. Stress relaxation experiment in a TEM

During the stress relaxation, we have observed the

motion of a twin boundary along the fiber, the speed of

the twin boundary decreasing over the time. The speed

was measured using a custom Python script tracking the

boundary trajectory [60]. Figure 8 shows the plot of the

twin boundary speed vs. time. At t ≈ 0 s a displacement

was imposed until the twin boundary moves. After the

twin boundary starts to migrate (ti ≈ 6 s) the displace-

ment was stopped. The twin boundary continues to mi-

grate with a speed decreasing which can be fitted by the

equation:

v =
a1

t + t0 − ti
(11)

The two lines in figure 8 are possible data fit when se-

lecting different time intervals, from ti to 40 s in for the

full line and from ti to 15 s for the dashed line (early

stage of the relaxation). In the overall, the fitting param-

eters are t0= 10 ± 6 s, a1 =250 ± 60 nm. Combining

equations 11 and 9 gives an estimate of the activation

volume:

V =
kT l0

Ea1β sinα
(12)

Taking T = 300 K (kT = 4× 10−21 J), β = 0.2, E = 287

GPa, α = 53◦, l0 ≈ 230±30 µm leads to V ≈ 8.4±3.3×
10−29 m3, which represents V ≈ 584±229b3. This value

is few times larger than the ones found for nanotwinned

copper Vnano−twin = 12 − 20b3 [13] and nanocrystalline

aluminium [61] VncAl = 10 − 55b3, where plastic defor-

mation involves mainly twin or grain boundaries.

5.4. Activation energy evaluation

Although the activation energy G cannot be measured

directly here, an estimation can be made. Considering

that the nucleation of twinning dislocations is thermally

activated, the nucleation time t at the temperature T is

given by:
1

t
= A exp

(

− G

kT

)

(13)

where A is a constant related to the nucleation attempt

frequency and to the entropy [62]. Considering that 1 ×
1011s−1 < A ≈ ν⋆ < 5 × 1011s−1 (cf. Appendix B), and

that 1/t = v/h yields at T = 300 K 0.56 eV< G <0.72

eV, i.e. around 25 kT.

6. Discussion

The activation volume estimated above can be ten-

tatively explained by considering the different mecha-

nisms involved in the twin nucleation and propagation.

The activation volume is related to the variation of the

free energy G associated with the process.

V = −∂G
∂σ

(14)

6.1. Twinning dislocation nucleation

The nucleation of a dislocation embryo from either

a flat [63] or stepped surface [62–64], or from a corner

[65, 66] have been extensively studied by atomistic sim-

ulations and elastic calculations [62]. All these studies

conclude that the activation energy takes the form:

G(T, σ) = G0 (1 − T/Tm) (1 − σ/σath)α (15)

where G0 is a constant, Tm is the surface disordering

temperature [66] taken as half the melting temperature,

σath the athermal stress and α a constant. The variation

of the activation energy, normalized by µb3, and the acti-

vation volume, normalized by b3, as a function of stress

have been redrawn from these studies as dotted lines in

figure 9a and b, respectively. Although the stress was

not retrieved in the present study, the yield stress of the

fiber shown in figure 6b has been estimated by microme-

chanical testing to σ ≈ 1.7 ± 0.25 GPa (see the stress-

strain curve in fig. 6c) for a strain rate of ǫ̇ ≈ 7 × 10−3

s−1. It can be shown in Appendix B that for surface nu-

cleation σ(ǫ̇p = 5×10−6) ≈ σ(ǫ̇p = 7×10−3) at T = 300

K. The value of activation energy and volume measured

in the present study is reported in figure 9. Despite

the scatter in the activation energy and volume from the

atomistic studies due to the importance of the geomet-

rical factor in the nucleation process [64], the experi-

mental values 5.1 × 10−29 m3(355b3)< V < 1.2 × 10−28

m3(813b3), although slightly higher compared to the

values obtained by most of the atomistic simulations,
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Figure 9: Normalized activation energy (a) and activation volume (b) as a function of the stress. Full lines correspond to results of atomistic

simulations of dislocation surface nucleation. The values of the present study are also indicated for comparison.

are still comparable for instance with the work of [64].

It is interesting to note here that if the migration of the

twin boundary is due to surface nucleation, it should not

be influenced by the presence of specific nucleation site,

such as a step, because of the continuous and regular

migration of the twin boundary.

6.2. Atomic shuffling during twinning dislocation mo-

tion

While moving laterally, atoms below the disconnec-

tion step have to be shuffled. This mechanism is sup-

posed to be thermally activated so that the activation

area associated corresponds to the area where atoms

have to be rearranged (in red in figure 4). This area

is Ar = h × dt where h = 2d(101̄2) = 0.265 nm is the

step height. The activation volume is then given by

Vshu f f ling = Ar × ‖~btwin‖ = 7.5 × 10−30 m3 which is sig-

nificantly smaller than the volume measured.

6.3. Twinning dislocation interaction with solute atoms

Because the fiber may not be pure, solute atoms can

act as pinning points on the twinning dislocation. In that

case, the activation volume is given by [12]:

Vsolute = b3/csolute (16)

where csolute is the atomic concentration of solute atoms.

According to the Al-Be phase diagram [67], the con-

centration of Al solute atoms is expected to be much

less than 60 ppm which leads to an activation volume

Vsolute > 2 × 10−26 m−3 much larger than expected. Al-

though O atoms can also be present, their concentration

is also presumably very low, ruling out the interaction

of twinning dislocations with solute atoms as the con-

trolling mechanism.

6.4. Friction stress acting on a twinning dislocation

In most hcp metals, dislocation motion is controlled

by a friction force (Peierls-Nabarro stress) due to non

planar dislocation core dissociation [12]. In beryllium,

this friction stress leads to the locking and unlocking

of screw dislocations in the prismatic plane. The stress

anomaly in the range 80 − 450 K has been explained by

this phenomenon [19]. Although, this topic is poorly

documented, twinning dislocation can also be sensible

to a friction stress along the twin plane. Serra et al.

have indeed shown that the size of twinning dislocation

core in hcp metals greatly influences their mobility [68].

Similar conclusions have been drawn for rhombohedral

twinning in sapphire where measured activation volume

and enthalpy fit with a model of double kink pair nucle-

ation along the twinning dislocation [69]. Serra et al.

[68] have shown however that for {101̄2} twin, twinning

dislocation can move at 0 K at a small strain of 0.002,

which gives in our case, considering a Schmid factor

of s f = 0.5, a friction stress σ = 0.002E/s f ≈ 0.5

GPa, smaller than the yield stress. This indicates that
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the motion of a twinning dislocation through the nucle-

ation and propagation of kinks along its line [12, 70]

is athermal in our observation and thus associated with

activation volume equal to zero.

7. Conclusions

Tensile in-situ TEM experiments were performed on

sub-micron beryllium fibers containing a low initial dis-

location content. They revealed the thickening of a

twin domain that occurred through the migration of a

{101̄2} twin boundary under stress. The motion of this

twin boundary appeared continuous and associated with

rapidly oscillating contrasts near the surface. The ab-

sence of dislocation in the fiber interior discard a twin-

ning mechanism operating through a dislocation source

(pole mechanism). The shear strain associated have

been measured and found in agreement with the value

expected from the motion of zonal twinning disloca-

tions. We have therefore attributed this rapid contrast

oscillation to repeated dislocation nucleation. In paral-

lel, we provide a method to retrieve the activation vol-

ume associated with the twin boundary migration by

measuring the twin boundary speed decrease during the

stress relaxation. We found an experimental value of

8.4 ± 3.3 × 10−29 m3, which is comparable to the value

expected from dislocation surface nucleation. These ex-

periments thus provide the first combination of a dy-

namic observation of a single migrating twin bound-

ary in a sub-micron Be wire and the quantitative mea-

surements of activation parameters associated with this

movement. We show that the migration depends exclu-

sively on the surface nucleation of dislocation at the lo-

cation of the boundary. Further experiments focusing

on the measure of activation parameters as a function

of stress through micromechanical testing of individ-

ual fibers may provide a complete picture of this mode

of deformation that is probably peculiar to sub-micron

size crystals. Along with the present results, they should

provide an excellent bench test for dedicated atomistic

simulations and gain direct insights into the controlling

mechanism ruling the plastic deformation of micro- and

nanometer scale crystals.
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Appendix A. Effective modulus of the sample-

machine system

The relation between the engineering strain, ǫ̇, en-

gineering plastic strain, ǫ̇p and the observed true stress

rate, σ̇ is given by:

ǫ̇ ≈ ǫ̇p +
σ̇

C
(A.1)

In this equation, C is the effective modulus of the

sample-machine system:

1

C
=

1

E
+

1

M
(A.2)

where E is the Young’s modulus of the specimen and M

is

M = K
l0

A0

(A.3)

and K the machine stiffness. The machine stiffness is

a combination of the different stiffness of the elements

composing the machine (see figure 1).

For elements deforming in tension:

1

K
=

∑

i

1

Ki

=
∑

i

li

EiAi

(A.4)

with Ei, Ai and li are the Young’s modulus, the cross-

section area and the length of the ith element, respec-

tively. Because the sample is glued on the copper grid,

the cyanoacrylate glue also deforms mainly by shear.

The shear stiffness of the glue is:

1

Kglue

=
tglue

GglueAglue

(A.5)

With tglue the thickness of the glue film, Gglue the shear

modulus and Aglue the surface sheared. Combining

equations A.2, A.4 and A.5 leads to:

1

C
=

1

E
+

A0

l0















∑

i

li

EiAi

+
tglue

GglueAglue















(A.6)

In the present situation, equation A.6 is the combina-

tion of the stiffness of the tensile rod, of the copper grid,

of the eutectic alloy, of the glue (see figure 1):

1

C
=

1

E
+

A0

l0

(

lrod

ErodArod

+
lgrid

EgridAgrid

+
leutectic

EeutecticAeutectic

+
tglue

GglueAglue

) (A.7)
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The fiber gage length measured from TEM observation

is l0 = 230 ± 30 µm. Assuming the fiber cross-section

is a disk of diameter d f=400 nm, the cross section area

A f ≈ πd2
f
/4. Considering that 4 fibers deform plasti-

cally, the specimen cross-section is A0 ≈ 4A f ≈ πd2
f
.

The straining rod is cylindrical with a cross sectional

area Arod = πd
2
rod
/4, with drod = 3 mm. The rod length

is about 30 cm. The Young’s modulus of the rod is close

to Erod ≈ 200GPa = 0.7E. The copper grid cross sec-

tion area is Agrid = tgridwgrid with tgrid = 70 µm the

grid thickness and wgrid = 2.3 mm the grid width. The

grid length is about 8 mm. The Young’s modulus of

the grid is Egrid = 117 GPa= 0.4E. The part of the

eutectic which has not been etched is also subjected to

deformation. The stress will concentrate in the middle

of the hole rim and in area perpendicular to the straining

axis as shown in [71]. The hole rim is however not thin

as a typical TEM specimen, so that the strain should

be localized in the fibers. The thickness of the eutec-

tic part is about 50 µm, 1 mm large and about 3 mm

long. The Young’s modulus of the eutectic can be es-

timated using the rule of mixture Ec =
∑

i ViEi with

Vi =
Wi/ρi

∑

i Wi/ρi
the volume fraction of the ith element of

weight fraction Wi, density ρi and Young’s modulus Ei.

Since there is approximately 1.5 wt.% Be in the eutectic,

the effective modulus is Eeutectic ≈ 0.98EAl + 0.02EBe ≈
74GPa ≈ 0.26E. The thickness of the glue is estimated

to tg ≈ 10 µm. The area covered by the glue is ap-

proximately 1 mm large (the sample width) by 0.5 mm.

The shear modulus of the glue is of the of 1 GPa i.e.

Gg ≈ 0.005E. We finally obtain from eq. A.7:

1

C
≈ 1

E
+

1.5 × 10−4

E
+

3.2 × 10−4

E
+

3.2 × 10−4

E

+
8 × 10−6

E
≈ 1

E
(A.8)

Then, equation A.1 can be replaced by equation 4.

Appendix B. Variation of the stress with strain rate

for surface nucleation

The variation of the stress with the plastic strain rate

can be estimated in the case of surface nucleation by

combining Eq. 3, 14 and 15, and by integration with

respect to the stress between σ and σath:

σ = σath















1 −
(

kT

E0(1 − T/Tm)
ln

Cν⋆

ǫ̇p

)1/α














(B.1)

where ν⋆ is a characteristic nucleation frequency and

C = ns cos(θ) a geometrical factor that relates the nucle-

ation rate to the plastic strain rate (ns being the number

of dislocation surface sources per fiber unit length and θ

the angle between the glide plane and the fiber surface).

Taking the values given in [64] for Al, i.e. T = 300 K,

Tm = 800 K, E0 = 499.6 eV, ν⋆ = 1011 s−1, α = 7.02,

and C = 0.011 leads to σ(7 10−3)/σ(5 10−6) = 1.03.

For Cu and according to [66], taking T = 300 K,

Tm = 692 K, E0 = 4.8 eV, ν⋆ = 5.02 1013 s−1, α = 4.1

and C = 0.012, leads to σ(7 10−3)/σ(5 10−6) = 1.17.

In Be, although the activation parameters have not been

determined, we can make the following assumptions:

ν⋆ = νD = 3×10−13 s−1, the Debye frequency, Tm = 800

K, C = 0.012, α ranging from 4 to 7 and E0 rang-

ing from 4 to 500 eV. In all cases, this yields also to

1 < σ(7 10−3)/σ(5 10−6) < 1.2.
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