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Abstract
Grain boundary (GB) migration was dynamically observed and characterized by means of in situ transmission electron microscopy
straining experiments at moderate temperature in ultraﬁne grain aluminium. This motion is a response to the applied external stress,
which leads to faceted fast growth of some grains at the expense of smaller ones. The combined use of ﬁducial markers and image correlation made possible a measure of strain associated with GB migration. The crystallographic orientation of both sides of moving GB
was simultaneously recorded. The shear produced by the observed migration was thus estimated, leading to a coupling factor close to
20%. These results are discussed and compared with existing models describing the coupling between shear stress and GB migration.
Ó 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Transmission electron microscopy (TEM); Aluminium; Grain boundary migration; Plastic deformation; Ultraﬁne grained microstructure

1. Introduction
The inﬂuence of grain boundaries (GB) on the mechanical properties of crystalline materials is a wide and still
open research area in materials science. When the grain size
is severely reduced as in ultraﬁne-grained (UFG) or nanocrystalline (nc) metals, understanding the role of the GB
becomes critical. Because both the mean free path and
the probability of multiplication of dislocation are constrained, a probable change in the plasticity mechanism
associated with very high yield stresses is bound to occur
below a critical grain size [1]. This change in deformation
process would result in the breakdown of the well-known
Hall–Petch hardening law for grain size smaller than a
few nanometres [1,2]. Because exploring these mechanisms
in agglomerates of very small crystallites is physically extremely complex, a vast number of computer-simulated experiments have pointed to several alternative deformation
processes (for reviews, see Refs. [3] and [4]). Most of them
originate from GB because of the very high volumic frac*
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tion of GB in these simulated polycrystals and the associated high stresses due to the lack of easy dislocation
glide. If some of these alternative mechanisms still involve
perfect or partial dislocations through limited nucleation or
absorption at GB [5], plasticity could also be carried out by
the sole motion of GB [6]. Indeed, collective GB-based
mechanisms [7] can potentially account for much larger
deformation in very small-grain-sized metals than dislocation-based processes can [8].
Plasticity mechanisms directly connected to GB motion
can be of several kinds. To a large extent, earlier work
focused on GB sliding and grain rotation in order to
account for superplasticity [9,10]. In contrast, the stressinduced migration of GB, although known for a long time,
has never been recognized as a plasticity mechanism per se
until the recent experiments in nanograined materials [11]
and atomistic modelling [12].
GB migration was originally considered in high-temperature recrystallization mechanisms. Then, and because
recrystallization generally yields no plastic deformation,
boundary migration was assumed to be insensitive to externally applied stress. Alternatively, boundary migration was
considered to be driven exclusively by the decrease in the
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total boundary surface and by the decrease in the density of
dislocations absorbed during the process. The migration
process was thus interpreted in terms of the simple transfer
of atoms from one grain to the other, with no associated
shear displacement [13]. This stress-independent migration
process has been subsequently observed by Babcock and
Balluﬃ [14], and described by the more sophisticated shufﬂing model. In this case, groups of atoms are assumed to
rotate in each unit cell of the coincidence site lattice
(CSL) independently, which of course yield no deformation. More recent experiments and simulations have provided some evidence in support of the shuﬄing model
[15–17].
The two hypotheses mentioned above—sliding with no
migration and migration with no sliding—are so contradictory that they rather appear as two particular cases of a
more general stress-induced migration process. Stressinduced boundary motion has actually been observed in
several bi-crystals: of NaCl by Guillopé and Poirier [18],
of Al by Fukutomi et al. [19], of Zn by Sheikh-Ali and Spuner [20], of cubic zirconia by Yoshida et al. [21], and of Au
by Babcock and Baluﬃ [14]. As these bi-crystals were in
coincidence orientation relationships, the boundary
motions could be interpreted in terms of the displacement
shift complete (DSC) dislocation model. In this case, plastic
deformation results from the motion of DSC dislocations
associated with steps (also called disconnections) in the
interface plane. This plastic deformation can be a shear
associated with a glide motion of DSC dislocations
[18,20–22] or a deformation associated with a climb motion
of DSC dislocations [23]. In the case of a pure shear deformation resulting from the migration of a pure tilt boundary, the shear direction is parallel to the boundary plane,
and perpendicular to the rotation axis. The corresponding
shear–coupling factor b is deﬁned as the ratio of the shear
displacement to the migration distance. Its value ranges
between a few per cent and several tens per cent, depending
on the length of the DSC Burgers vector and on the associated step height.
More recent experiments in Al bi-crystals by Winning
et al. [24] and Molodov et al. [25] conﬁrm the above results.
They are, however, interpreted in terms of the alternative
model of Cahn [26], where symmetrical tilt high-angle
boundaries are described in the same way as low-angle
ones, i.e. by an array of perfect edge dislocations. Under
such a condition, migration occurs by the motion of these
dislocations, in the glide planes perpendicular to the
boundary plane. This also results in a shear displacement
parallel to the boundary plane and perpendicular to the
rotation axis. In the case of coincidence orientation relationship, the coupling factors predicted by the Cahn model
can also be deduced from the DSC dislocation model, but
not reciprocally. Indeed, in this case the Cahn model yields
high b values, typically of several tens per cent, whereas the
DSC dislocation model yields a larger spectrum of values.
The model of Cahn is also supported by molecular
dynamic simulations [27,28].
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It is important to note that both the above shear–migration coupling mechanisms correspond to very speciﬁc situations of either coincidence or symmetrical tilt boundaries
(DSC and Cahn models, respectively). They are accordingly not applicable to random boundaries like those present in polycrystals. In spite of this restriction, several recent
deformation experiments have shown that stress-assisted
grain growth is an active process in micro- and nanocrystalline metals, from moderate down to liquid nitrogen
temperatures. These experiments were carried out by
indentation in Cu [29], microtesting experiments and transmission electron microscopy (TEM) in situ straining experiments, in nanocrystalline Al thin ﬁlms [11,30], highpressure torsion and uniaxial tensile deformation of bulky
nc-Al [31,32], and thermal cycling fatigue in microcrystalline Al [33].
In all these situations, stress-induced boundary migration is much more complex than in bi-crystals, because
GB have random planes and misorientation angles, coupling factors at adjacent boundaries must be compatible,
and triple junctions and GB curvature can play an important role. It is thus necessary (i) to characterize the coupling
factors in polycrystals and relate them to the local microstructure (GB plane, misorientation) and (ii) to extend
the available models to more general GB.
The second point is treated in Part II of this study. Concerning the ﬁrst point, much of the diﬃculty in investigating nanocrystallized materials is due to the lack of suitable
means of observing the dynamical response of a mechanical solicitation with suﬃcient spatial and time resolution.
Such a task could be much more easily done in polycrystals
with larger grains, as shown in the following. As the nature
of the GB does not change down to the nanometre scale
[34], the present investigation is fully transferable to nanocrystalline metals.
This paper reports on the qualitative and quantitative
results on stress-assisted grain growth by means of in situ
TEM straining experiments at moderate temperatures in
UFG aluminium with micron-size grains. The approach
consists in using ﬁducial markers and direct observation
of large GB migrations to investigate the role of GB
motion in strain accommodation processes. In order to
reduce the critical stress for GB migration, and to minimize
the intragranular dislocation activity, the experiments were
carried out at a moderate temperature (350 °C).
2. Experimental
Commercial purity (99.5%) UFG aluminium rods were
produced by equal channel angular pressing after eight
passes. More insight about the UFG Al preparation can
be found in Refs. [35] and [36]. The mean grain size was
800 nm with no texture. In situ experiments were carried
out using a custom-made high-temperature straining
holder in a JEOL 2010 microscope operated at 200 kV.
Rectangular samples were cut in a massive ingot and prepared by electrochemical polishing for TEM observations.
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GB motion was monitored by means of DVD/HD recording using a MEGAVIEW II CCD camera. In all the
displayed micrographs, the sample holder axis, also corresponding to the straining direction, is vertical. Electron diffraction was extensively used during the experiments in
order to determine the crystallographic orientations of
migrating and receding grains.
3. Results
3.1. General aspect of stress-assisted GB motion
At room temperature, micro-samples exhibit grains with
an average size of 800 nm, almost free from dislocations
and containing some sub-GB. These micro-samples are
ﬁrst heated directly up to 300 °C, and then more slowly
by 10 °C steps, until the very beginning of grain growth.
Then, the temperature is kept constant until grain growth
stopped. At that point, it is supposed that GB and triple
points have reached an equilibrium state. A plastic strain
is then imposed on the sample for a few seconds, and the
applied stress is eventually allowed to relax before repeating the process. After each increment of strain, GB motion
started and could be followed, as shown in Fig. 1 (see
Appendix).
This ﬁgure shows a large growing grain with several
curved facets. The grain growth, directed toward the concavity of the facets, starts under the application of the
external stress by a rapid motion of the right-hand side
GB at a speed of 2 lm s1 (Fig. 1b and c). Then, the upper
boundaries go on migrating at a lower speed close to
10 nm s1 (Fig. 1d). The motion of GB eventually stops,
probably because part of the applied stress has been
relaxed. The correlation between GB motion and stress
has been examined in several experiments: in all cases,
GB start to move as soon as an increment of stress is
applied and stop after the stress is relaxed. The motion
appears to be viscous with a concomitant motion of both
GB and triple junctions. The fast GB motion between
Fig. 1a and b seems to be associated with the small radius
of curvature of the lower GB on the right-hand side. In the
same way, the increase in GB speed between Fig. 1b and c
is correlated to a 10% decrease in the corresponding concave radii of curvature. This indicates that capillary forces
have a substantial contribution in GB migration.
Fig. 1e shows a picture taken in another area where a
growing grain, on the left-hand side of the image, has swept
the adjacent grain to the right. The GB appears as a thick
black line with a width (d) corresponding to its projection
in the observation plane. In the present case, the apparent
width is much smaller (50 nm) than the sample thickness
(300 nm), indicating that the GB plane is almost edge on.
The picture also exhibits 3 lines (labelled tr.), each of them
with two parallel black and white contrasts, more clearly
visible in the inserts where contrasts have been enhanced.
These contrasts arise from thermal grooving [37], a diﬀusion process that enables equilibrium of the surface ten-

sions at the top and bottom surfaces of the foil when GB
are immobile. After the migration of the GB, the grooves
tend to vanish but are never completely erased, presumably
owing to surface oxidation. Under such conditions, the
black and white contrasts correspond to the two opposite
grooves on both surfaces, and the fact that several grooves
are observed indicates that the GB has moved jerkily, being
immobile long enough to enable suﬃcient grooving
between each displacement. This jerky motion arises from
variations in the local stress as a result of successive relaxations. The fact that the distance between black and white
traces on opposite surfaces is not constant indicates that
the GB habit plane has changed during the migration,
and eventually led to an almost edge-on plane.
Fig. 2 shows an assembly of 10 grains labelled G1–G10
(Fig. 2a). One can also note several precipitates (see, for
instance, those labelled X1–X3) which will act as ﬁducial
markers. After the application of the stress (reminder: the
straining axis labelled T is vertical on the ﬁgures), grain
G1 starts growing by the migration of its left-hand boundary towards grains G5, G6 and G7. In the meantime, the
bottom GB of grains G8 and G9 also migrate toward
G7, which results in the complete shrinkage of grain G7
(Fig. 2b). The GB motion then stops as a result of the
relaxation of the applied stress. After applying a second
increment of plastic strain, the GB between G1 and G5
moves toward G5, which leads to the complete shrinkage
of G5 (Fig. 2c). In Fig. 2d, G1 continues to grow at the
expense of G3 and G4 and eventually stops. Then, G9
and G10 start to grow, leading to the shrinkage of G1
and G2 (Fig. 2e and f). At that point, many dislocations
nucleate and move in the interior of G9 and G10, and no
further GB motion can be seen. The growth of G1 and
its subsequent shrinkage are seen in Fig. 2g and h, where
the successive GB positions are superimposed. This experiment is characteristic of many other similar stress-induced
GB migrations that have been recorded.
All GB motions take place at a velocity of a few hundred
nanometres per second, before stopping. Rapid migration
seems to be directly correlated to the shrinkage of small
grains. Indeed, as the grain shrinks, its GB are more and
more curved and, as a result, their migration is faster. This
result indicates that GB migration is driven both by the
applied stress and by capillarity forces due to GB
curvature.
From these experiments, orientations of growing grains
along directions perpendicular to the foil planes and parallel to the straining axis, respectively, have been reported on
the inverse pole ﬁgures of Fig. 3a and b. A random distribution throughout the triangle is observed in both cases,
indicating that no texture is favoured during grain growth.
This is in agreement with results obtained on deformed aluminium freestanding nanocrystalline thin ﬁlms [43].
From another experiment, Fig. 4a and b shows faint
contrasts, moving rapidly (150 nm s1) in the interface
between two grains labelled G1 and G2 (see Appendix).
These contrasts seem to be related to dislocations moving
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Fig. 1. (a–d) Grain growth under external applied stress recorded during in situ straining experiments at 350 °C. The straining axis (T) is vertical in the
pictures. The growing grain seen here in dark exhibits several curved facets. White dashed lines indicate GB positions as they are on the preceding image.
Note between (b) and (c) a rapid GB motion at 1 lm s1. (e) Image showing surface traces (denoted tr.) left at diﬀerent times by a GB after its migration.
Contrast was enhanced in some area in order to see traces on both top and bottom surfaces (black and white parallel traces).

in the GB plane as a result of the migration of the GB
shown in Fig. 4c. Also note that this strong dislocation
activity is conﬁned to the GB habit plane, which is not a
priori a (1 1 1) plane.
Fig. 5 shows another typical stress-assisted grain growth
where four grains (labelled G1–G4) are involved. Each of
them has ﬁducial markers labelled X1–X4 (see Appendix).
Under stress, G2 grows at the expense of G3 (Fig. 5b and
c). Then, G1 grows suddenly, which leads to the shrinkage
of G4 (Fig. 5c and d). As previously, this motion is accelerated by a rapid increase in the GB surface tension force
as the receding grain shrinks. The next section shows, from
this sequence, how to measure strain associated with GB
migration.

3.2. Strain measurement
Fig. 6 shows strain measurements performed on an
enlarged area of Fig. 5. In each ﬁgure, two pictures taken
before and after GB migration have been superimposed,
and their contrasts have been subtracted. This allows a precise superposition of both images of a given grain, by minimizing the contrast of the corresponding markers. The
best image superposition in G2 is obtained when the contrast of marker X2 is minimum. Such image correlation
allows the GB to be located before and after migration
and measurement of the corresponding plastic deformation. The GB between G1 and G2 (labelled GB12) has ﬁrst
moved from position A to position B (Fig. 6a) and from B
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Fig. 2. Stress-assisted grain growth followed in an assembly of 10 grains labelled G1–G10. In the ﬁrst step, G1 grows (a–e), leading to the shrinkage of
adjacent grains G5 and G6. In the second step (e–f), G1 recedes owing to the growth of G8 and G9. These two steps are schematized in (g) and (h). Note
the presence of precipitates labelled X1, X2 and X3, which act as ﬁducial markers.

to C (Fig. 6b) in a second step. The change in trace direction and apparent width of GB12 indicates that its habit
plane has changed during migration. This is similar to what
is observed in Fig. 2d.
As G2 is rigid, as a result of the absence of any intergranular dislocation motion, attention is focused on the
displacement of ﬁducial markers outside G2. Fig. 6c, which
is an image correlation between positions A and C, shows
that markers have been shifted after the GB has passed
(note their initial positions in white and their ﬁnal ones
in black in areas where the contrast has been reinforced).
This indicates that the lattice surrounding the markers

has been subjected to deformation. Moreover, a change
in the direction of deformation can be observed between
Fig. 6a and b because the projected direction of the deformation, indicated by arrows joining the markers’ positions,
is ﬁrst inclined with respect to the GB trace (dashed line A
in Fig. 6a) and then parallel to the GB traces (dashed lines
B and C in Fig. 6b). Lastly, the inspection of all markers
shows that the apparent displacement (sa) increases as a
function of the distance (ma) to the interface, between positions A and C, and remains constant behind position A.
This can be explained by considering a migration-induced
plastic deformation, as shown in Fig. 6d. The apparent
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Fig. 3. Inverse pole ﬁgure showing directions (a) parallel to foil surface
and (b) parallel to the straining axis, for growing grains.

coupling factor (ba) is the ratio between the apparent displacement (sa) and the apparent distance perpendicular to
the interface (ma). Values of sa as a function of ma between
A and C, are reported in Fig. 6e and ﬁtted by a linear plot.
The slope of this linear plot corresponds to the mean value
of ba(A–C) for the whole GB migration. In this ﬁgure,
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ba(A–C) is 6%. Intermediate values between positions A
and B, on the one hand, and B and C, on the other hand,
lead to ba(A–B)  7–10% and ba(B–C)  9%, respectively.
These two latter values are larger than ba(A–C) because they
partly cancel. The deformation measured in a previous
study is of the same order of magnitude [38].
The successive habit planes of GB12 have been deduced
from their trace directions, and from the variation in their
apparent widths with tilt angle. They are located in the
shaded area of the stereographic projection in Fig. 7. The
large circle of the stereographic projection corresponds to
the foil surface of the sample. The plane noted P(A–B)
refers to GB12 between positions A and B, and P(B–C)
to GB12 between positions B and C. The corresponding
plane normals, denoted n(A–B) and n(A–C), are also
reported. Fig. 7 also shows the relative grain orientations
G2 (opened symbol)/G1 (ﬁlled symbol).
As GB12 is almost edge on between positions B and C
(note the very small apparent width of GB12 in position
C in Fig. 6b), and as the corresponding marker displacements are parallel to the traces, the deformation is necessarily a pure shear parallel to the GB plane. As GB12 is
more inclined between positions A and B (Fig. 6a), one
cannot use similar arguments and cannot determine which
kind of deformation occurred in this case. In particular, the
deformation could involve some component of long-range
diﬀusion. However, as the kinetics of GB migration is
almost the same between A and B and between B and C,
one can reasonably think that the motion is controlled by
a single process, which is thus necessarily a pure shear
deformation. This point will be discussed again in Section
4.3. With this hypothesis, it is then possible to identify
the shear direction between positions A and B, s(A–B), with
the direction of the GB plane which projects in the observation plane along sa(A–B) (Fig. 7). The shear direction
between B and C, s(B–C), cannot be determined similarly
because sa(B–C) is too close to the trace of GB12.
4. Discussion
In the present work, the migration of several GB with
random planes and misorientations was observed in

Fig. 4. (a and b) Pictures showing dislocation motions in a moving GB plane. Areas where GB dislocations are visible have been lightened. (c) Image
superimposition showing the amplitude (m) of GB migration.
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Fig. 5. Images showing GB migration under stress. G2 grows ﬁrst at the expense of G3 (a–d). Note the groove in Fig. 5c (tr.) left by GB23 (the GB
between G2 and G3) in Fig. 5a. In (c) and (d), the GB between G1 and G2 starts to move, leading to the shrinkage of G4. During this process, markers X3
and X4 are swept by the GB.

micron-grained aluminium strained in situ at moderate
temperature (350 °C). GB migration is clearly a stressassisted process, because it consistently starts with the
application of stress, ceases as soon as the stress is relaxed,
and starts again as soon as a new increment of stress is
applied.
The diﬀerent aspects of GB mobility are now discussed.
4.1. GB migration under surface tension eﬀects
The surface tension due to the curvature of GB obviously
contributes to their motion. The concave curvature
observed on GB in Fig. 1a–d can be explained considering
that grains with a number of facets larger than six (note that
the growing grain of Fig. 1d has seven visible facets) must
have concave GB in order to achieve equilibrium between
surface tension forces at triple points (Fig. 8). The concavity
in turn imposes the grain to grow [39,40], because the force
Fi directed on each point of the GB toward the centre of the
curvature drives a GB motion toward the concavity. As
soon as this motion occurs, the curvature decreases and,
in order to maintain 120° angles, triple points have to
migrate in turn. Thus, a dynamic equilibrium between the
motion of GB and triple points is attained. As the force Fi
is inversely proportional to the radius of curvature, facets
with the smallest radius of curvature will be the fastest, as
observed in the present experiments (see, for example, GB
on the right-hand side of Fig. 1c). As the facets expand,
the radius of curvature increases (Fig. 8 at time t1), and then
the growth is slowed down. This mechanism can account
for grain growth even in the absence of any external stress
(pure recrystallization).

4.2. GB migration under an externally applied stress
When an external force is applied, the dynamic equilibrium is still maintained but the velocity of GB and triple
points increases. Under stress, one can assume that the
mobility depends on the nature of GB. For a pure tilt
GB, the misorientation is around an axis R contained in
the GB plane, and the shear s associated with the GB
migration is perpendicular to R and parallel to the GB
plane (Fig. 9a). Let c = (r, n) be the angle between the
applied stress direction and the normal to the GB plane,
and u = (r, s) the angle between the applied stress direction
and the shear direction. In a bi-crystal of section S0, and
for an amount of shear s, the work done by the migrating
boundary is rS0s cos c. This is equal to the work done by
the driving stress rd per unit surface on the boundary, over
the area S0/cos u, and over the distance m. The driving
stress is then
rd ¼ rb cos c  cos u

ð1Þ

where b is the coupling factor (b = s/m). The corresponding Schmid factor is
ms ¼ rd =r ¼ b cos c  cos u

ð2Þ

As (n, s) = 90°, the maximum Schmid factor is equal to
0.5b.
A mixed GB can be deduced from a pure tilt one by
rotating the GB plane around s by an angle d in such a
way that the misorientation axis R no longer belongs to
the GB plane (Fig. 9b).
The shear produced by the normal motion of this mixed
GB over a distance m0 is equal to the shear s produced by
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Fig. 6. (a–c) Image correlation associated with the GB motion between G1 and G2 obtained for diﬀerent GB positions: between position (a) A and B, (b)
B and C, (c) A and C. The images are obtained by superimposing X2 markers on two pictures with opposite contrasts taken before and after GB motion.
Marker displacements in adjacent grains (note that black and white contrasts do not overlap) indicate a deformation. (d) Schematized description of the
migration and the coupling between apparent shear sa and apparent migration ma, explaining markers’ displacement. (e) Experimental measurement
extracted from (c) of sa vs ma. The linear ﬁt gives a value of the apparent coupling factor ba.

the motion of the pure tilt component of the GB on the distance m’ cos d. Then, the corresponding coupling factor is
s0
bm0 cos d
¼ b cos d
b ¼ 0¼
m
m0
0

ð3Þ

where b is the coupling factor of the corresponding pure tilt
GB.
The corresponding Schmid factor:
m0s ¼ b cos d  cos c  cos u

ð4Þ

is lower than for a pure tilt boundary. Under such conditions, GB with the largest tilt component should have the
largest driving force.

4.3. Evaluation of b and interpretation
For a given misorientation between two grains, a large
choice of rotations R connecting them is oﬀered. In
Fig. 7, those corresponding to the misorientation between
grains 1 and 2 are represented by crosses. To each vector
R corresponds a possible shear direction s, perpendicular
to R, and parallel to the GB plane. Only the rotation axes
close to the GB plane, i.e. for which there is a large tilt
component, are consistent with stress-induced migration.
Nevertheless, the multiplicity of the possible directions of
R and s can account for the change in shear direction in
association with a change in GB plane, observed in Fig. 6.
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could be invoked, however, in order to relax local strain
incompatibilities, especially at triple junctions. Short-range
diﬀusion as in shuﬄing mechanism is also likely to occur.
Among the diﬀerent conservative processes discussed in
Section 1, the pure shuﬄing one [23] can be ruled out,
because the migration observed in the present study is stress
assisted and results in some quantiﬁed plastic deformation.
Such a shear deformation is predictable within the
framework of DSC dislocation and Cahn’s models [26]
and, in order to compare the present results with these
models, it is now necessary to evaluate the value of the real
coupling factor b, in the case of Figs. 6 and 7. Fig. 10 shows
the relation between the real values of s, m, b and their
apparent counterparts. The estimation of the real migration distance takes into account the inclination a of the
GB plane with respect to the foil plane normal. However,
the real shear displacement depends on the angle u with
its projected measured value. Thus, the coupling factor is
given by
b¼
Fig. 7. Stereographic projection showing orientation of G1 (opened
symbol) and G2 (ﬁlled symbol). One orientation can be deduced from the
other by an adequate rotation along axes indicated by crosses. GB planes
associated with A–B and B–C GB motion (see Fig. 6) are shown as shaded
areas. Shear direction s(A–B) corresponds to the intersection of the
projected shear direction and the GB planes. Almost tilt GB compatible
with the shear direction measured experimentally (sa(a–B)) correspond to
the three possible rotation axes R1, R2 and R3 and the corresponding shear
direction s(a–b). The plane P is the corresponding pure tilt GB containing
the shear direction [2 0 3] and R2.

Strain measurement enables one to discuss the diﬀerent
models proposed in the literature.
The role of diﬀusion in GB migration must ﬁrst be discussed. Long-range diﬀusion cannot be ruled out at temperatures where the experiments were performed.
However, the sole diﬀusion cannot explain the high GB
speed observed (a few hundred nanometres per second).
For instance, one can estimate GB speed due to diﬀusion
from the Coble creep equation:
v ¼ e_ d ¼ 14p

rX dDb
kT d 2

ð5Þ

Taking r  100 MPa the applied stress, X  0.7b3 (with
b  0.29 nm), T = 350 °C, mean grain size d = 800 nm
and dDb ¼ 4:341025 m3 s1 [41] (with d the GB width,
and Db the GB diﬀusivity), this leads to v  1012 m s1.
This value is far smaller than the observed speed (up to
2  102 m s1, for instance, in Fig. 1). The fact that fast
GB migration under stress could not be explained by
long-range diﬀusion processes has also been conﬁrmed in
several numerical simulations [6,42] and recent experiments
in nc-Al [43]. The migration mechanism observed is thus
clearly conservative, in agreement with the shear displacements measured in Section 3.2. Some long-range diﬀusion

ba
cos / cos a

ð6Þ

The choice of a rotation axis perpendicular to direction s(A–B)
determined in Section 3.2, and for which the GB has a large
tilt component, leads to three rotation axes labelled
R1 = [1 13 1], R2 = [0 15 1] and R3 = [1 17 1]
leading, respectively, to a misorientation of 75°, 164.8°
and 105.4° (Fig. 7). One can ﬁrst remark that these rotation
axes do not correspond to a low index coincident GB.
However, in order to compare results with existing theories
which only rely on low index coincident GB, it will be assumed that directions [1 0 0] and [0 1 0] in the two crystals
are parallel, and then that the rotation axis is R = [0 1 0]
with a misorientation angle equal to 157.38° (R13a). This
is reasonable, as the three possible rotations R1, R2 and
R3 deviate only slightly from R13a (theoretical rotation angles 67.38°, 157.38°, 112.62°). The case of non-coincident
GB is discussed at the end of the paper. The shear direction
s(A–B), which is the intersection of the plane normal to R,
the GB plane and the projected shear direction, is found
close to [2 0 3]. Knowing that ba(A–B)  7–10%, one
can then deduce b from (1), with u = (s, sa) 56° and
a = 30° measured in Fig. 7. One ﬁnally ends up with:
bAB  14–20%.
For the sake of simplicity, the pure tilt GB containing s
and R will be considered ﬁrst. It will then be seen how the
coupling factor has to be corrected for GB12. The pure tilt
GB plane is shown in Fig. 7 and labelled P. As the normal n
to P is a coincident direction (i.e. n is close to a possible
rotation axis), the GB is almost symmetrical. Then, the
migration can be described within the framework of both
DSC dislocations model and Cahn’s model.
Fig. 11 shows the R13a [0 1 0] pure tilt GB between two
lattices represented by black and white spots. The CSL unit
cell is also shown. Two DSC dislocations with Burgers vectors b1 and b2 are shown. They are parallel to the [2 0 3]
direction, in agreement with the observed shear direction.
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Fig. 8. Schematized evolution of GB facets under capillary forces (Fi) and applied external forces (Fia) at two diﬀerent times. Curved facets are expected to
form in order to get 120° angles at triple points. The forces applied on the GB impose concomitant GB facets and triple points motion toward the
concavity. Note that the GB facets expansion implies a decrease in the curvature and thus a decrease in grain growth velocity.
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Fig. 9. Scheme showing that the coupling factor in (a) a pure tilt GB (s
and R parallel to the GB plane) is larger than that in (b) a mixed GB
inclined by an angle d around s. The coupling factor in this latter case is
equal to that corresponding to the motion of a pure tilt GB moving over
the distance m0 cos d.

Fig. 10. Schematized description of GB motion showing the relation
between real and apparent shear and migration.

As the glide of these dislocations changes the origin of the
CSL from A to C and from A to B, respectively, they introduce a step with height h. The corresponding coupling factor b is given by b = b/h.
This leads to b1 = 40% and b2 = 25%. The case of gliding dislocation with Burgers vector b1 is of special interest,
because it is equivalent to the [1 1 0] coupling mode proposed by Cahn [26]. Indeed, in this model, the [0 1 1] direction in the right-side grain is rotated clockwise by an angle
u ¼ p2  h (h being the misorientation angle) and becomes
parallel to the [0 1 1] direction in the left-hand grain.
As GB12 is not a pure tilt boundary, the measured coupling factor has to be corrected in order to compare it with
the theoretical values valid for pure tilt boundaries. Considering that the GB is inclined by an angle d = (n(A–B), n) = 28°
around the shear direction, the expected coupling factor in

the case where GB12 would be pure tilt is b = 14–20%/
cos d  16–23% (see Section 4.2). This value is signiﬁcantly
smaller than that expected from Cahn’s model (b1 = 40%).
The measured coupling factor is, however, close to
b2 = 25% predicted by the DSC dislocation model.
Models involving the motion of GB dislocations in the GB
plane (e.g. the DSC dislocation model) are also supported by
the observation of dislocations moving rapidly at the GB
interface shown in Fig. 4. Indeed, in 13 s, the GB has covered a migrating distance (m) of 38 nm (Fig. 4c), and the corresponding number (n) of passing dislocations is estimated to
be of the order of 25. Taking bGB  0.15 nm as a typical DSC
dislocation Burgers vector (see, for instance, Rae and Smith
¼ 7% is obtained. Although it is dif[13]), a value of ba ¼ nbmGB
a
ﬁcult to count the dislocations accurately, especially when
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GB move rapidly, this value is close to what was measured
using markers in Fig. 6.
Until now, the approximation of a low index GB has
been treated. This is reasonable, as the rotation axes R1,
R2 and R3 only slightly deviate from a R13a GB. However,
this approximation is questionable. Could any other alternative mechanisms be invoked in the general case? It seems
doubtful that shear-coupled GB migration can be strictly
described within the framework of DSC dislocation model
or Cahn’s model, which both rely on the existence of an
underlying CSL unit cell. In this general case, the rotation
axis is arbitrary, the interface plane is irrational and the
CSL unit becomes inﬁnitely large. Then a model must be
proposed for more general GB. This will be the treated in
Part II of this paper.
5. Conclusions
The following conclusions can be drawn from this study:
1. Strong evidences of stress-assisted grain growth was
found in UFG aluminium by means of in situ TEM
straining experiments.

2. The deformation associated with GB migration was
measured using the superposition of surface markers.
It clearly shows a coupling between shear and migration.
In the case of a high-angle GB close to a low index GB,
an apparent shear of 6–7%, resulting in a coupling factor
of order 20% was measured.
3. In the case of a low index GB, the measured coupling
factor can be explained within the framework of the
DSC dislocation model. From the several cases observed
and analysed so far, the coupling factor was generally
found to be smaller than that predicted by the Cahn
model [26]. The fact that existing coupling models such
as Cahn’s model yield a low number of coupling values
only for coincidental GB suggests the need for a more
elaborate analysis of the possible coupling modes for
general tilt boundaries. This is developed in the second
paper in this study.
4. GB motion was sometimes correlated with the motion of
GB dislocations, in disagreement with the model of
Cahn.
5. The present experiments were carried out at an intermediate temperature, and GB migrations occurred without
emission of dislocations. This underlines the fact that

Fig. 11. Possible DSC dislocation mechanisms in a R13a [100] GB. Gliding dislocations with Burgers vectors b1 and b2 parallel to the interface leads to the
normal GB motion over distances h1 and h2, respectively.
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diﬀusion should play a minor role in the resulting shear,
but is needed at a very local scale to accommodate strain
incompatibilities.
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Appendix A. Supplementary data
Video sequences relating to Figs. 1, 4 and 5 can be seen
in the supplementary data associated with this paper, in the
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